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Abstract: The stress-strain behavior of austenitic steels showing the TRIP/TWIP effect can be 

adjusted in a broad range by the addition of suitable alloying elements. Although the underlying 

deformation mechanisms are reasonably understood, the existing models often fail, in particular 

when the density of microstructure defects is high and when individual microstructure defects 

and features start to interact. For a micromechanical description of the material behavior involv-

ing possible interactions between different microstructure defects in austenite (dislocations, 

stacking faults) and newly developed phases, a detailed in situ microstructure characterization of 

the material under load is needed. In this study, the in situ experiments were performed using 

synchrotron diffraction during uniaxial compression. The materials under study are Cr-Mn-Ni 

steels with different Ni contents (3, 6 and 9 wt.%) and thus different stacking fault energies (7.5, 

16.7 and 24.3 mJm-2). The in situ measurements revealed information about the martensitic phase 

transformations and about the development of the defect structure of austenite. The latter was 

concluded from the broadening and shift of diffraction lines and interpreted in terms of the 

squared microstrain, which is proportional to the dislocation density, and the stacking fault prob-

ability. The changes in the phase composition and defect structure are correlated with the residual 

elastic lattice strain.  
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1. Introduction 

High-alloy metastable austenitic steels, which show the TRIP (Transformation Induced Plastic-

ity) and/or TWIP (Twinning Induced Plasticity) effect, exhibit outstanding properties, especially 

with regard to the strength, ductility and absorption of mechanical energy during plastic defor-

mation. [1-3] Their deformation behavior is largely controlled by the stacking fault energy (SFE) 

of austenite, which depends on the chemical composition of the steel and on the deformation 

temperature. [4-10] For the two main classes of metastable austenitic steels, namely high-Mn steels 

and stainless Cr-Ni steels, the influence of SFE on the deformation mechanisms and microstruc-

tural changes in austenite was reported in Refs. [11-14] 

In austenite with a very low SFE (< 20 mJ m-2), the dissociation of partial dislocations, the for-

mation of stacking faults and their accumulation in deformation bands are observed. [6, 11, 12, 15, 16] 

A high stacking fault density leads to a local arrangement of stacking faults in deformation bands. 

The regular arrangement of stacking faults resembles a hexagonal crystal structure, which is 

identified as -martensite by diffraction methods. [15-17] At higher deformations, the ´-martensite 

forms  preferentially inside the deformation bands or at their intersections. [16-18] The ´-mar-

tensite causes an enhanced strain hardening of the steel, especially in early deformation states. 

[12, 19, 20] Increasing SFE postpones the stacking fault formation and the formation of -martensite

to higher deformation stages, as a higher amount of lattice stress is required to separate the Shock-

ley partial dislocations. [11, 20, 21] 

For SFE above 20 mJ m-2, the formation of -martensite is gradually replaced by twinning. The 

twins are also produced via dissociation of dislocations and subsequent accumulation of stacking 

faults [14, 15, 21-24], but stacking faults in twinned austenite appear on every close-packed plane, 

whereas in martensite stacking faults arrange approximately on every second close-packed 

plane. The stacking faults forming twins act as obstacles for the dislocation slip on sec-

 1 

 2 

 3 

 4 

 5 

 6 

 7 

 8 

 9 

10 

11 

12 

13 

14 

15 

16 

17 

18 

19 

20 

21 

22 

23 

24 

25 

26 

27 

28 

29 

30 

31 

32 

33 

34 

35 

36 

37 

38 

39 

40 

41 

42 

43 

44 

45 

46 

47 

48 

49 

50 

51 

52 

53 

54 

55 

56 

57 

58 

59 

60 

61 

62 

63 

64 

65 



ondary slip systems and provide a nearly constant strain hardening combined with a high ductil-

ity. [25-27] For SFE > 40 mJ m-2, the deformation is mostly accomplished through the slip of perfect 

dislocations, because the faulting, martensitic transformation and twinning are suppressed. [6, 12, 

13, 28]  

A detailed knowledge of the SFE dependence of the microstructural evolution in metastable aus-

tenitic or duplex steels during deformation is also crucial for the development and improvement 

of micromechanical modelling. [29-33] Currently, the prediction of the mechanical behavior of 

TWIP steels with different SFEs relies on the knowledge of the twinning and dislocation micro-

structures explored, e.g., using electron backscatter diffraction (EBSD). [33] For an appropriate 

simulation of the mechanical behavior, transformation kinetics or texture formation of 

TRIP/TWIP steels, however, the complex interaction between plasticity, formation and kinetics 

of microstructure defects, and phase transformations must be considered. [31, 33-35] EBSD reveals 

microstructure features such as phase fractions, textures, grain sizes, local misorientations of 

grains and twinning fractions, which can serve as the base of simulations of the material´s be-

havior.[29- 31, 35] However, many microstructure defects like dislocations or stacking faults are 

clearly beyond the spatial resolution of this method. Furthermore, EBSD is restricted to limited 

analyzed areas and, because of its long acquisition time, to ex situ studies. In contrast, the syn-

chrotron diffraction can provide statistically relevant insights into the microstructure of the sam-

ples not only in terms of the phase fractions, preferred orientations of crystallites and crystallite 

sizes, but it can also give information about the macroscopic and microscopic lattice strains, and 

stacking fault probabilities. Especially the analyses of the lattice strains are only possible because 

of the excellent resolution of synchrotron diffraction in the reciprocal space.   

Furthermore, the synchrotron diffraction experiments are very fast. The high photon fluxes allow 

real in situ measurements with a high coverage of the deformation steps. A series of experiments 

can be carried out at the same specimen, which is necessary to observe trends systematically, 
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without artefacts caused by possible differences between individual post mortem samples. [36] 

Thus, in situ deformation experiments using synchrotron radiation are capable of providing a 

coupling between bulk mechanical behavior and microstructure evolution. [36-39] These ad-

vantages of the in situ experiments were used to analyze fundamental deformation processes. For 

instance, the strain hardening behavior and the underlying dislocation structures of Cu single 

crystals were studied during in situ deformation. [37] In another example, the lattice strain level 

was determined from in situ synchrotron measurements in a multiphase Ti alloy and used to 

model the plasticity and the load partitioning between the present phases. [38] Previous in situ 

synchrotron studies performed on metastable steels were focused on the tracking of a single mi-

crostructure feature, which was typically the development of the phase composition during de-

formation. [39-43] Less frequently, preferred orientation of crystallites [41, 44], residual lattice strain 

[32,43], line broadening of selected austenite reflections [40] or microstrain [42] were investigated in 

addition to the strain-induced phase transformations. The effect of the stacking faults on the de-

formation behavior of the TRIP/TWIP steels is scarcely examined in literature. Ma et al. reported 

about the interplay between the stacking fault probability, phase transformation and microstrain 

evolution. [39]  

The present study describes the relationship between uniaxial mechanical compression, overall 

sample deformation, phase composition, preferred orientation of crystallites, and stacking fault 

probability, microstrain caused by perfect dislocations and residual lattice stress in austenite as 

obtained from in situ synchrotron radiation diffraction experiments carried out in transmission 

mode. Observed irregularities in the dependence of the above microstructure characteristics on 

the overall deformation were correlated with the post mortem micrographs of fully deformed 

samples and explained by the interaction of individual microstructure defects. The dependence 

of the deformation behavior on the stacking fault energy is discussed. 

2. Experimental 
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Three fine-grained metastable austenitic 16Cr-7Mn-xNi steels were studied. Their composition 

varied in the Ni content, which amounted to 3, 6 and 9 wt.%. The exact chemical compositions 

and the respective grain sizes are listed in table 1. The SFE of these steels is known from in situ 

XRD bending tests to be 7.5, 16.7 and 24.3 mJ m-2, respectively. [45, 46] The samples with 3 and 9 

wt.% Ni were produced by powder metallurgy using field assisted sintering technique, whereas 

the 16Cr-7Mn-6Ni sample was taken from a hot-rolled bar. The hot-rolled bar was partially re-

crystallized, whereas the sintered specimens (16Cr-7Mn-3Ni and 16Cr-7Mn-9Ni) were fully re-

crystallized. 

The in situ compression tests were done at room temperature at the beamline P07, PETRA III at 

the DESY synchrotron facility, which was equipped with a deformation dilatometer BÄHR DIL 

850. The samples for compression tests had a cylindrical shape with a diameter of 4 mm, thus 

the maximum stress achievable with the 20 kN maximum load device was 1590 MPa. The sam-

ples were compressed stepwise with a short holding time (5 s), during which the individual dif-

fraction patterns were recorded. The high-energy synchrotron radiation (100 keV, = 0.1235 Å) 

allowed to conduct the diffraction experiments in transmission geometry. The size of the primary 

beam was 1 mm2. 

Table 1: Chemical composition (as obtained from combustion analysis (C), melt extraction (N), 

X-ray fluorescence (Cr, Ni) and ICP spectrometry) and grain size of the investigated steel sam-

ples. 

steel chemical composition [wt.%] grain size [µm] 

 Cr Mn Ni Si N C Mo Fe (± 1.5 µm) 

16Cr-7Mn-3Ni 15.6 7.1 3.03 0.805 0.054 0.044 0.033 bal. 5.5 

16Cr-7Mn-6Ni 16.2 7.1 5.9 1.12 0.011 0.031 0.06 bal. 4.5 

16Cr-7Mn-9Ni 15.7 7.1 9.7 1.09 0.073 0.022 0.02 bal. 7.5 
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The synchrotron diffraction patterns were recorded using a 2D detector (PerkinElmer). In this 

setup, the angle between the diffraction vector and the uniaxial load direction changes with the 

azimuthal angle (i.e. along the Debye rings) between a half of the diffraction angle and 90°. The 

dependence of the line positions on the azimuthal angle was used for the analysis of the elastic 

lattice deformation upon deformation.  

The electron channeling contrast imaging (ECCI) and electron back-scatter diffraction (EBSD) 

on deformed samples were done post mortem in a scanning electron microscope Zeiss LEO 1530 

FEGSEM at 20 kV acceleration voltage using the HKL Channel 5 EBSD software and a Nordlys 

detector. 

 

3. Data analysis 

In order to preserve the information about the dependence of the elastic lattice deformation on 

the direction of the macroscopic compression, the 2D diffraction images were integrated along 

the Debye rings within azimuthal sections having the width of 5°, and analyzed using the Rietveld 

refinement with the software MAUD. [47] The Rietveld analysis revealed the phase fractions of 

fcc austenite (space group ), hcp -martensite (SG ) and bcc -martensite (SG 

), and the preferred orientation of crystallites. The high intensity of synchrotron radiation 

and the excellent statistical quality of the diffraction data allow to detect phase fractions > 1%. 

For austenite, the residual elastic lattice stress  in the load direction, the microstrain caused 

by dislocations and the stacking fault probability were determined.  

The lattice stress  was obtained from the dependence of the line shift on the inclination of the 

diffraction vector from the macroscopic deformation direction. For calculation of the lattice 

stress, the Moment Pole Stress Model [48] was utilized, which includes the anisotropy of the elas-

tic constants and allows therefore the description of the anisotropic (hkl-dependent) line shift due 

to applied stress. The elastic constants of austenite (C11 = 172 GPa, C12 = 98 GPa, C44 = 123 
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GPa) were taken from Refs. [49] and [50]. The microstrain caused by dislocations was concluded 

from the broadening of diffraction lines. In this contribution, it is expressed in terms of the vari-

ation of the interplanar distances,  [46], which is directly proportional 

to the square root of the dislocation density. [51, 52] The crystallographic anisotropy of the line 

broadening was described using the Popa model. [53] The stacking fault probability was concluded 

from the anisotropy of the line shift and the line broadening according to the Warren model. [54] 

Presented stacking fault probabilities and microstrains were averaged over all directions of the 

diffraction vector with respect to the deformation direction. Preferred orientation of crystallites 

during the plastic deformation was described by orientation distribution functions, which were 

refined using the E-WIMV method that is incorporated in the MAUD routine. For the description 

of the texture, a model developed by Wenk et al. [55] assuming a fiber texture was employed. The 

application of a texture model is necessary for a precise analysis of the phase fractions [56], albeit 

the texture results are not discussed in details in the present article. 

4. Results and discussion 

4.1 Mechanical behavior 

The true stress-strain curves (figure 1a) that were calculated from the applied force and from the 

sample contraction measured by the compression dilatometer show differently pronounced strain 

hardening (figure 1b) in the austenitic steels with different chemical compositions. The lowest 

stress level and strain hardening were observed in the steel with 9 wt.% Ni, higher stress level 

and strain hardening in the steels with less Ni and thus with lower SFE. The stress-strain curve 

of the steel 16Cr-7Mn-3Ni has a distinct sigmoidal shape indicating the formation of a high 

amount of bcc -martensite, which also raises the strain hardening for compressions > 7 %. [3, 6, 

19] The steel 16Cr-7Mn-6Ni possesses clearly the highest yield strength, which is caused, how-

ever, by its incompletely recrystallized microstructure.  
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As the experiments were conducted in force-controlled mode, the maximum technical stress was 

equal for all samples, but the deformations achieved at the respective stress level were different. 

The smallest sample deformation was observed in sample 16Cr-7Mn-3Ni, the largest one in 

16Cr-7Mn-9Ni. Such strength and hardening behavior is expected, because a lower SFE and a 

larger extent of martensitic transformation in steels with a lower Ni content increase the stress 

level and reduce the deformability. [1, 2, 11, 20, 57] However, the mechanical behavior of sample 

16Cr-7Mn-6Ni deviates from the anticipated one, because it exhibits the highest strength in a 

wide deformation range. Its hardening is comparable with the hardening of the steel 16Cr-7Mn-

3Ni, but it decreases continuously and shows neither a plateau nor an increase throughout the 

whole deformation range. The possible reasons for this behavior will be discussed in detail later, 

as they are also reflected in the results of in situ synchrotron diffraction experiments. 

 

4.2 Microstructure changes during the plastic deformation as seen by in situ synchrotron dif-

fraction 

4.2.1 Martensitic phase transformation 

Figure 2 shows exemplarily an unfolded 2D diffraction pattern, which was recorded for the sam-

ple 16Cr-7Mn-3Ni at 24.3 % compression, together with the respective Rietveld fits. Preferred 

orientation of crystallites is apparent from the dependence of the diffracted intensities on the 

azimuthal angle. The evolution of the phase fractions under compressive load concluded from 

the Rietveld analysis is summarized in figure 3. The initial microstructures of all three steels were 

fully austenitic; the crystallites were almost randomly oriented. After the deformation, the crys-

tallites of austenite were preferentially oriented with  along the deformation direction. The 

textures in the - and -martensites were and fibres, respectively. In the steels with 

3 and 6 wt.% Ni, the formation of hcp -martensite starts very soon after the onset of the plastic 

deformation. The diffraction lines from -martensite were detected already between 1 % and 2 % 
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compression for both Ni contents. In the low deformation range (3  12 % compression), a 

slightly higher amount of -martensite was found in sample 16Cr-7Mn-6Ni than in sample 16Cr-

7Mn-3Ni. The maximum amount of -martensite (ca. 19 vol.%) was attained at ca. 20 % com-

pression for both steels.  

Higher deformations lead to a slight reduction of the -martensite fraction in both steels, because

the -martensite transforms partially into bcc -martensite. [16-18] The formation of -martensite 

starts between 2 % and 3 % compression for 16Cr-7Mn-6Ni and at ca. 4 % compression for 16Cr-

7Mn-3Ni. In contrast to -martensite, the amount of -martensite increases faster in the steel 

containing 3 wt.% Ni than in the steel with 6 wt.% Ni. The maximum content of -martensite 

amounted 40 vol.% for 16Cr-7Mn-3Ni and 30 vol.% for 16Cr-7Mn-6Ni at the respective maxi-

mum compression. The transformation of -austenite over -martensite to -martensite is a con-

secutive phase transition, which keeps the amount of the intermediate phase ( -martensite) almost 

constant.  

The 16Cr-7Mn-9Ni steel revealed the first -martensite peaks at 6 % compression, the maximum 

fraction of 12 vol.% was reached at 39 % compression. In this sample, the bcc -martensite did 

not form in the investigated deformation range, as the high Ni content stabilizes austenite, in-

creases its SFE and lowers the driving force for the ( ) martensitic transformation. [1,7, 12, 25] 

These results are in good agreement with the results obtained for similar steels. [57] 

4.2.2. Stacking faults and microstrains 

The effect of the Ni content on the SFE can also be seen on different stacking fault probabilities 

(SFP) in individual samples (figure 4). In sample 16Cr-7Mn-3Ni, an enormous increase of SFP 

was observed beyond 1 % compression. This means that the plastic deformation of this steel is 

dominated by the stacking fault formation. For 16Cr-7Mn-6Ni, a similar trend is observed show-

ing also an early onset of the SFP increase that is comparable with sample 16Cr-7Mn-3Ni. The 
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final values of SFP are even higher for 16Cr-7Mn-6Ni than for 16Cr-7Mn-3Ni. This behavior 

cannot be expected from the dependence of SFE on the composition, and is probably caused 

again by the incompletely recrystallized initial microstructure, which provides more nucleation 

sites for stacking fault formation and raises the internal stress above the level that is necessary to 

dissociate partial dislocations. [45, 46] Additionally, already in the non-deformed state the SFP was 

higher in 16Cr-7Mn-6Ni than in 16Cr-7Mn-3Ni.  

In steel 16Cr-7Mn-9Ni, almost no stacking faults are present prior to 3 % compression. The 

deformation in this stage runs exclusively via dislocation slip. In favorably oriented grains, the 

critical stress needed for dissociation of perfect dislocations and widening of stacking faults is 

reached first at higher deformations (> 3%), after a certain amount of work hardening due to the 

dislocations is achieved. As the microstrain in sample 16Cr-7Mn-9Ni is relatively low (figure 5), 

these dislocations form probably dislocation structures with partially compensated strain fields. 

[51] Although the plastic deformation of low-SFE alloys is dominated by stacking faults, at least 

initial plastic deformation by dislocation slip is generally necessary for the initiation of the stack-

ing fault formation.  

In all three alloys, the increase of the stacking fault probability correlates with the increase of the 

-martensite fraction. Still, the formation of stacking faults in austenite precedes the    tran-

sition, because the diffraction methods recognize scarce (and random) stacking faults in austenite 

as real stacking faults, while dense (and consequently correlated) stacking faults are interpreted 

as -martensite. [15] This phenomenon indicates ordering of the stacking faults, which is typical 

for the    phase transition. The interplay between the stacking fault probability and the 

amount of -martensite is very well visible in sample 16Cr-7Mn-6Ni, where the temporary re-

duced gain of the SFP (figure 4) at approx. 13 % deformation appears together with the saturation 

of the -martensite volume (figure 3). New increase of SFP in sample 16Cr-7Mn-6Ni deformed 

above 15 %, which is accompanied by a slower decay of austenite, suggests formation of new 

 1 

 2 

 3 

 4 

 5 

 6 

 7 

 8 

 9 

10 

11 

12 

13 

14 

15 

16 

17 

18 

19 

20 

21 

22 

23 

24 

25 

26 

27 

28 

29 

30 

31 

32 

33 

34 

35 

36 

37 

38 

39 

40 

41 

42 

43 

44 

45 

46 

47 

48 

49 

50 

51 

52 

53 

54 

55 

56 

57 

58 

59 

60 

61 

62 

63 

64 

65 



stacking faults in austenite as an important deformation mechanism. In the steel 16Cr-7Mn-3Ni, 

this effect of boosted SFP increase is observed at a lower deformation (7 % compression). As the 

´-martensite formation is enhanced in this deformation range and the amount of -martensite 

stays almost constant, a smaller amount of the remaining austenite has to accommodate the ap-

plied load via its plastic deformation. Afterwards, less new stacking faults are produced in the 

deformation range > 15 %. Instead, more -martensite is formed that is responsible for the rising 

strain hardening, cf. figure 1b. 

The squared microstrain plotted in figure 5 is a measure of the dislocation density. [51, 52] For the 

steel with the lowest SFE (16Cr-7Mn-3Ni), a steep initial increase in squared microstrain up to 

ca. 9 % compression is observed. Afterwards, the increase is lowered; the rise of microstrain is 

slower in the compression range between 9 and 18 %. Concurrently, more stacking faults are 

formed (figure 4) and the amount of -martensite increases (figure 3).  This indicates that in this 

compression range, the generation of new perfect dislocations is a less important deformation 

mechanism than the formation of stacking faults (via dislocation splitting, cf. figure 4) and -

martensite. 

In the steel 16Cr-7Mn-6Ni, the microstrain increases almost linearly during the whole defor-

mation process. The high initial microstrain indicates again that this sample was not completely 

recrystallized, as it had a high dislocation density already prior to the in situ deformation. Com-

pared to the two other steel compositions, the initial squared microstrain was more than doubled. 

The high dislocation density in the starting state contributes to an early onset of the martensitic 

transformation that occurs at a similar deformation like in the steel 16Cr-7Mn-3Ni (figure 3) 

despite a higher SFE in the steel containing 6 wt.% Ni. Nevertheless, the microstrain in 16Cr-

7Mn-6Ni attains a clearly higher level than in sample 16Cr-7Mn-3Ni, and shows a constant in-

crease that indicates an enhanced dislocation slip activity throughout the compressive loading.  
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The steel containing 9 wt.% Ni possesses nearly the same initial microstrain as the steel 16Cr-

7Mn-3Ni. The squared microstrain in sample 16Cr-7Mn-9Ni also increases linearly upon defor-

mation, but its maximum is clearly lower than in sample 16Cr-7Mn-6Ni despite a higher true 

compression. The high SFE in sample 16Cr-7Mn-9Ni retards the stacking fault formation and 

promotes the dislocation slip activity as the primary deformation mechanism. [12, 21, 22, 28] New 

perfect dislocations are produced during the whole deformation process, even in the deformation 

range, in which the stacking faults form. When comparing the microstrain evolution in the three 

steels under study, it is obvious that the contribution of the dislocation slip to the plastic defor-

mation decreases with decreasing SFE, because other deformation mechanisms such as the for-

mation of stacking faults and phase transformation become dominant. 

 

4.3 Complementarity of the mechanical testing and the in situ diffraction experiments 

Another result of the in situ synchrotron diffraction experiment done under deformation was the 

information about the residual elastic lattice stress in austenite and about its dependence on the 

macroscopic deformation (figure 6a) as a complement to the stress-strain curve from figure 1. 

The residual elastic lattice stress was obtained from the dependence of the line positions on the 

azimuthal angle in the 2D diffraction pattern [58] taking into account the crystallographic anisot-

ropy of the elastic constants. 

In the elastic deformation range (approx. below 0.5 % compression), the mechanical stress (fig-

ure 1) and the lattice stress in austenite (figure 6a) agree quite well. After the plastic deformation 

starts, the mechanical stress becomes higher than the lattice stress in austenite. The difference 

between the total stress obtained from the mechanical experiment and the elastic lattice stress 

obtained from the in situ diffraction experiment increases during the compression (figure 6b). 

The reason for this difference is that the mechanical stress contains also the component, which is 

needed for the elastic and plastic deformation of other phases present in the sample, whereas the 

lattice stress obtained from the synchrotron diffraction comprises only the residual (elastic) stress 
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in austenite. The difference between the mechanical stress and the elastic lattice stress in austenite 

is related to the expected strain hardening of the samples due to the deformation-induced mar-

tensitic phase transformations. [6, 19, 20] The increasing strain hardening rate of 16Cr-7Mn-3Ni 

(figure 1b) is correlated with the high formation rate of ´-martensite at higher deformations (> 

10 %) and also manifested in the pronounced stress difference (figure 6b). The positive stress 

difference means that the elastic lattice strain and stress in austenite are reduced by its plastic 

deformation, which is connected with the formation of perfect dislocations (figure 5) and stack-

ing faults (figure 4). 

The strain hardening is also demonstrated by the increase of the residual lattice stress in austenite 

in the plastic deformation range. This increase indicates mechanical interaction of austenite with 

other phases and the interaction between individual microstructure defects caused by the increas-

ing density of microstructure defects and by the overlap of their stress fields. [39, 42-44] In the steels 

with lower SFE and pronounced martensitic transformation (16Cr-7Mn-3Ni and 16Cr-7Mn-

6Ni), the mechanical stress is strongly influenced by the formation of ´-martensite and therefore 

the stress difference rises with increasing amount of the martensite fraction. [43] 

 

4.4 Microstructure changes induced by plastic deformation as seen by microscopic methods 

The anticipated interaction of individual microstructure defects was confirmed by electron chan-

neling contrast imaging (ECCI) and electron backscatter diffraction (EBSD) in scanning electron 

microscope (SEM). ECCI revealed that in sample 16Cr-7Mn-3Ni, the deformation bands occur 

generally on several slip planes, where they provide nucleation sites for the -martensite for-

mation (figure 7a). Additional nucleation sites can also be found inside the deformation bands 

consisting of -martensite. The remaining austenite matrix is plastically deformed mainly through 

the stacking fault mechanism, thus the dislocation slip and the formation of dislocation structures 

are less noticeable.  
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The microstructure of the steel 16Cr-7Mn-6Ni (figure 7b) is also characterized by a high stacking 

fault density in austenite, and the presence of many deformation bands on several slip systems 

and nuclei of -martensite. Additionally, pronounced contrasts from dislocations evidence a 

highly partitioned microstructure and verify the high dislocation density revealed by the analysis 

of the diffraction line broadening (figure 5). The incompletely recrystallized initial microstruc-

ture causes a fine-scaled defect arrangement. 

The ECCI image of the steel 16Cr-7Mn-9Ni (figure 7c) affirms the dominant role of the disloca-

tion slip in the deformation of this sample. Some areas are free of typical deformation bands, 

while tangled dislocations and dislocation walls are visible. The EBSD measurement performed 

on this sample (figure 7d) revealed considerable misorientations inside of the grains, which can 

be interpreted as local lattice rotations caused by the presence of dislocation structures or even 

dislocation walls. The interaction between deformation bands and perfect dislocations results in 

a curvature of the deformation bands. Furthermore, the results of EBSD analysis (figure 7d) 

demonstrate that the deformation bands consist partly of twins and partly of -martensite. In 

sample 16Cr-7Mn-9Ni, no -martensite was found using EBSD, which is also in a good agree-

ment with the result of the phase analysis using synchrotron radiation diffraction. The proof of 

the presence of twins using synchrotron diffraction is difficult. Twins cause both, the broadening 

and asymmetry of X-ray diffraction lines [54], but the X-ray diffraction is generally less sensitive 

to the presence of twins than to the presence of stacking faults and dislocations. Thus, the twins 

in deformed samples were detected much more easily by ECCI and EBSD in SEM. 

 

4.5 Dependence of the deformation mechanisms on the stacking fault energy 

The proportions between individual hardening mechanisms follow from the comparison of the 

stress difference (figure 6b) with the phase fractions (figure 3), stacking fault probability (figure 
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4) and squared microstrain (figure 5). The steep increase of the stress difference that was ob-

served in samples 16Cr-7Mn-3Ni and 16Cr-7Mn-6Ni at low compressions is mainly caused by 

the formation of stacking faults and -martensite. As -martensite originates from faulted austen-

ite with dense packed stacking faults [15], the formation of stacking faults and -martensite are 

coupled phenomena that have a similar effect on the stress-strain curve, i.e., they act as obstacles 

for dislocations glide particularly on the secondary slip system. [6, 20, 22, 39] The main contribution 

to the increase of the stress difference and thus to the strain hardening in sample 16Cr-7Mn-3Ni 

at the deformations above ~9 % stems from the formation of -martensite. This model is also 

applicable for sample 16Cr-7Mn-9Ni, in which the increase of the stress difference is delayed in 

the same manner as the formation of the stacking faults and the -martensite. 

In steel 16Cr-7Mn-9Ni, the stacking fault probabilities are distinctly lower than in steels with 

lower Ni contents. As the plasticity of the steel with 9 wt.% Ni cannot be explained solely by a 

high dislocation density, by the formation of isolated stacking faults or by an extensive -mar-

tensite transformation, the formation of deformation twins in the austenite must be considered. 

Their occurrence in this type of steel was already reported.[22, 57]  

 

5. Conclusions 

The deformation-induced microstructure changes in metastable austenitic steels having different 

stacking fault energies were studied using in situ synchrotron radiation diffraction under com-

pressive load. The formation of dislocations, stacking faults and twins, and the martensitic trans-

formation of austenite to -martensite and -martensite were correlated with the stress-strain 

curves obtained from the mechanical experiments and with the residual elastic lattice defor-

mation obtained from the diffraction experiments. In all steels under study, the plastic defor-

mation starts with the production and slip of perfect dislocations, and proceeds with the formation 
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of stacking faults and twins and with the martensitic transformation. The significance of the re-

spective deformation mechanism depends strongly on the deformation degree and, particularly 

at higher deformations, on the stacking fault energy, which controls the onset of the rapid disso-

ciation of partial dislocations and the stacking fault formation.  

Especially in steels with higher stacking fault energies, some critical stress must be reached to 

be able to activate the partial dislocation dissociation and the stacking fault formation. The criti-

cal stress can be produced by interacting microstructure defects, in particular by interaction of 

perfect dislocations. With increasing Ni content and increasing stacking fault energy, the stacking 

fault formation and the martensitic phase transformations are retarded, the formation of -mar-

tensite is suppressed, and the importance of the dislocation slip increases. A higher initial defect 

density, as present in sample 16Cr-7Mn-6Ni, brings about higher defect densities (stacking faults 

and dislocations) and an earlier onset of the stacking fault formation and phase transformation 

during deformation, mainly due to a higher level of lattice stress in austenite. 
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Figures 

Figure 2. Measured and refined diffraction patterns of sample 16Cr-7Mn-3Ni after 24.3 % 

compression. Q is the magnitude of the diffraction vector. Azimuth angle corresponds 

roughly to the angle between the deformation direction and the direction of the diffraction 

vector. The azimuth angles of 90° and 270° correspond to the transverse direction (TD), 0° 

and 180° are nearly along the compression direction (CD). The most prominent peaks are 

labelled at the top.

a) b)

Figure 1. (a) True stress-true strain curves measured for the metastable austenitic steel sam-

ples under study. (b) Strain hardening curves calculated from the true stress-true strain curves. 

Due to the low number of measurement data points, the scatter is large (~ 600 MPa), but the 

trends are well visible. 
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Figure 3. Evolution of the phase fractions as obtained from the Rietveld refinement. 

Figure 4. Probability of isolated intrinsic stacking faults in austenite as obtained from aniso-

tropic line shift and anisotropic line broadening by using the Warren model [54]. 
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Figure 5. Dependence of the squared microstrain  in austenite on the true compression 

of the respective steel. 

a) 
 
 
 
 
 
 
 
 
 
 
 
b)

Figure 6. (a) Elastic lattice stress  in austenite (stress in the compression direction) ob-

tained from the shift of the diffraction lines. (b) Difference between the mechanical true 

stress from figure 1 and the elastic lattice stress. 
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a) 16Cr-7Mn-3Ni 
 

b) 16Cr-7Mn-6Ni 

 
c) 16Cr-7Mn-9Ni 

d) 16Cr-7Mn-9Ni, EBSD 

Figure 7. ECCI micrographs (a-c) and EBSD map (d) of individual samples after the maximum 

deformation. a) Deformation bands (marked by straight lines), stacking faults (arrows) and

-martensite (circles) in 16Cr-7Mn-3Ni. b) Extremely defect-rich microstructure of sample 

16Cr-7Mn-6Ni with dislocations (arrows), dense deformation bands (lines) and -martensite 

(circles). c) Dislocation structures (arrows) and curved deformation bands (lines) identified 

as -martensite and twins in 16Cr-7Mn-9Ni. d) EBSD maps of sample 16Cr-7Mn-9Ni, left: 

showing the grain orientation and grain boundaries, especially twins (red lines), as well as 

local occurrence of hcp -martensite (light grey). On the right mapping of the same area, the 

grain and twin boundaries are delineated together with the band contrast (grey).  
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Text for Table of Contents 

The deformation mechanisms in 16Cr-7Mn-xNi steels with different Ni contents (3, 6 and 9 

wt.%) and thus with different stacking fault energies are investigated using in situ synchrotron 

radiation diffraction under uniaxial compression. The evolution of microstructure defect densi-

ties and martensitic phase transformation are tracked and their correlation and effect on the me-

chanical behavior are described. 
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